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High temperature mechanical properties of 
single phase alumina 
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The creep properties of a commercial, single phase alumina have been determined in the tem- 
perature range of 1623 to 1723 K. The stress exponent, n, in the relationship ~ oc o-" was 
determined to be 1.9 and the true activation energy was found to be 6 3 5 k j  mo1-1. Normal 
primary stage creep transients were observed up to strains of 1%. At low stresses, steady-state 
conditions were not obtained due to the occurrence of concurrent grain growth. It is shown 
that the steady state creep results are consistent with the occurrence of an interface controlled 
diffusional creep mechanism. 

1. I n t r o d u c t i o n  
Structural ceramics are being increasingly exploited 
for applications at elevated temperatures and the 
creep performance, therefore, is critical in these 
materials. In general, the steady-state creep deforma- 
tion of  ceramic materials can be represented by an 
equation of  the following form: 

AGb 
- k T  Do exp [ -  Q/(RT)] (b/d)P(~/G)" (1) 

where ~ is the strain rate, A is a dimensionless con- 
stant, G is the shear modulus, b is Burgers' vector, k 
is Boltzmann's constant, T is the absolute tem- 
perature, Do is the frequency factor, Q is the activation 
energy of  the appropriate diffusion process, R is the 
gas constant, d is the grain size, p is the inverse grain 
size exponent, ~ is the applied stress and n is the stress 
exponent. 

The rate-controlling creep mechanisms are usually 
identified by comparing the theoretical and experi- 
mental values of  Q, p and n. Reviews of the creep 
properties of  fine grained alumina indicate that, under 
the experimental conditions typically used, n ~- 1 to 2 
and p ~ 2 to 3 [1, 2]. However, the rate-controlling 
creep mechanisms have yet to be unambiguously iden- 
tified; creep deformation has been variously identified 
to occur by diffusional creep processes [3], grain boun- 
dary sliding [4], a transition between diffusional creep 
and intragranular dislocation creep [5] and interface 
controlled diffusional creep mechanisms [6-8]. There 
are significant differences in the initial transients 
during the creep deformation of  polycrystalline alu- 
mina and these have been tabulated recently b3 
Cannon and Langdon [9]. It was noted that several 
studies reported a normal stage of  primary creep 
during which the creep rate decreased with deforma- 
tion and there were also some investigations in which 
a primary stage of  creep was not detected. In addition, 
concurrent grain growth during creep deformation 
was noted in some studies on polycrystalline alumina 
[3, 6, 10]. 
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There are clearly several discrepancies in the earlier 
studies of creep deformation of polycrystalline alu- 
mina. The present investigation on fine grained 
alumina was therefore undertaken with the following 
specific objectives. First, to examine the shape of the 
creep curves. Second, to study concurrent grain 
growth during creep deformation and to evaluate its 
effect on the shape of  the creep curves. Third, to 
identify plausible rate-controlling mechanisms for 
steady state creep. 

2. Experimental details 
The commercially hot-pressed polycrystalline alumina 
chosen for this study was nominally doped w i th  
0.25% MgO. Semiquantitative analyses of the as- 
received material are given in wt % as follows: C = 
0.005, Si = 0.02, Mg = 0.35, Ca = 0.006, Fe = 
0.02, Ni, Cu, Cr and Ti = trace and Ba < 0.001. 

Scanning electron micrographs were obtained from 
a polished and thermally etched section of  the as- 
received material. The spatial grain size, d, was deter- 
mined to be 1.6 _+ 0.15/~m. The spatial grain size was 
defined as d = 1.74/2, where /2 is the mean l inear  
intercept grain size determined from 600 to 800 
measurements. Inspection of  the as-received material 
indicated that the grain size was uniform. Trans- 
mission electron microscopy studies did not reveal any 
glassy phase in the as-received material. 

Creep specimens, having a nominal square cross- 
section of 3 mm x 3 mm, were deformed in four point 
flexure with an outer span of  19 mm and an inner span 
of  6.4 ram. The pivot points were made from high 
purity sapphire rods. During creep experiments, the 
displacement of  the inner pivot points was monitored 
by a linear variable differential transducer in con- 
junction with a microcomputer. Typically, specimens 
were heated to the required temperature in a modified 
commercial high temperature furnace and the experi- 
mental set-up was allowed to stabilize for approxi- 
mately 90min before the commencement of  creep 
tests. 
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Nominally constant stress creep tests were per- 
formed in air at 1673 K to obtain information on the 
shape of the creep curves and the stress exponent. 
Creep experiments were also performed at 1623 and 
1723 K to determine the activation energy for the 
rate-controlling creep process. Before creep deforma- 
tion, the tensile faces of  selected specimens were 
metallographically polished. After deformation, the 
tensile surfaces were lightly repolished and thermally 
etched to determine the final grain sizes. Stress and 
strain data were computed from the loa&displacement 
data using the procedure developed by Hollenberg 
et al. [11]. 

3 .  R e s u l t s  

3.1. Shape of the creep curves 
Fig. 1 is a plot of strain rate against strain for 
specimens tested at 1673 K and stresses between 6 and 
150 MPa. It is noted that the creep curves exhibit a 
normal primary stage during which time the strain 
rate decreases with strain. Inspection of  Fig. 1 indi- 
cates that at high stresses, well defined steady-state 
conditions are obtained for strains beyond approxi- 
mately 2%. At lower stresses, however, there is no 
evidence of  steady-state behaviour and it is noted that 
the strain rate continues to decline with increasing 
strain. It is relevant to note that at stresses greater 
than 50 MPa, the creep experiments involved testing 
times of  less than approximately 2h  whereas the 
experiments performed at stresses of 19.8 and 6.2 MPa 
involved testing times of approximately 16h and 
112 h, respectively. The observed difference in steady- 
state behaviour at high stresses and low stresses is 
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examined in Section 3.3 in terms of concurrent grain 
growth. 

3,2. The stress exponen t  
The stress-strain rate data obtained from the above 
creep experiments are plotted on a logarithmic scale in 
Fig. 2. Data points for stresses of 50.5, 75.5 and 
135MPa correspond to steady-state behaviour. At 
stresses of  19.8 and 6.20 MPa, steady-state behaviour 
was not observed. The error bars indicated for these 
two stresses encompass the experimentally determined 
strain rates between strain levels of 2% and the strain 
levels corresponding to the respective terminations of 
the tests. 

Inspection of Fig. 2 reveals that, at high stresses, 
the creep behaviour of polycrystalline alumina is 
associated with a stress exponent of  1.9. It is noted 
that at low stresses the strain rates at the end of the 
respective tests fall considerably below those anti- 
cipated from an extrapolation of the data at higher 
stresses. The Nabar ro -Her r ing  and Coble creep rates 
superimposed on to Fig. 2 are considered in Section 
4.3. 

3.3. C o n c u r r e n t  grain g r o w t h  b e h a v i o u r  
It is apparent from an inspection of Equation 1 that, 
for a given stress and temperature, an increase in grain 
size would lead to a decrease in strain rate. Thus, the 
occurrence of grain growth could result in strain rates 
that decline with increasing strain. This possibility was 
examined by determining the final grain sizes of  
specimens deformed at stresses of 75.5, 19.8 and 
6.20 MPa. The data obtained from this investigation 
are presented in Table I. 
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Figure 1 The variation of  strain rate with strain for polycrystalline 
alumina deformed at a temperature of  1673 K, d = 1.6 #m. Values 
of  strain rate, a, (o)  135MPa,  (rn) 75.5MPa,  (zx) 50.7MPa, 
(O)  19.8 MPa  and (,7) 6.20MPa.  
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Figure 2 The stress-strain rate relationship for polycrystalline 
alumina deformed at a temperature of  1673 K, d = 1.6 #m. ( - - - )  
Nabar ro -Her r ing  [14, 20], ( - - - - )  Coble [22]. 
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T A B L E  I Concurrent grain growth data 

o-(MPa) i(%) t(sec)* d(,um) 

75.5 52 13278 1.7 +_ 0.24 
19.8 8,2 69950 2.3 + 0.23 
6.2 4,9 414000 2.8 ++_ 0.26 

*The total time at 1673 K, including 1.5 h before creep testing and 
1.5 h for thermally etching after creep testing. 

Considerable grain growth had occurred in speci- 
mens deformed at stresses of 19.8 and 6.20MPa, 
respectively, and there was almost no grain growth in 
the specimen tested at a stress of 75.5 MPa. In addi- 
tion, a comparison of the final grain size in specimens 
deformed at stresses of 75.5 and 6.20 MPa to strains of 
5.7 and 4.9%, respectively, suggests that grain growth 
is primarily a function of the time involved during 
individual elevated temperature tests. 

3.4. Act ivat ion energy for creep deformat ion 
The apparent activation energy for creep deformation 
was determined by performing experiments at a con- 
stant stress of 75.5MPa and temperatures of 1623, 
1673 and 1723 K, respectively. A short stage of pri- 
mary creep was observed in all of these experiments. 
The steady-state creep rates obtained from these tests 
are plotted against lIT in Fig. 3. Two creep experi- 
ments were performed at a temperature of 1623 K and 
a stress of 75.5 MPa, and these tests led to essentially 
identical steady-state creep rates. From the slope of 
the line in Fig. 3, the apparent activation energy was 
determined as 625 +_ 70kJmol -~. 

4. D i s c u s s i o n  
4.1. Shape  of the creep curves 
The observation of a primary creep region is indicative 
of some structural changes occurring during the initial 
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Figure 3 The variation in steady-state strain rate with reciprocal 
temperature for polycrystalline alumina deformed at 75.5MPa. 
Q = 625 4- 70kJmol - l .  

stages of creep deformation. However, it is important 
to note that the extent of the primary creep region is 
limited to small strains of the order of ~- 1%. This is 
in contrast to primary stages extending to large strains 
of ---10% during the creep deformation of large 
grained polycrystalline KBr [12]; the extensive primary 
stages were associated with the formation of sub- 
grains. The short primary stages observed in this study 
suggests that the sub-structure initially present in the 
material does not undergo significant change during 
the early stages of creep deformation. This is consis- 
tent with transmission electron microscopy studies of 
deformed specimens that reveal a lack of an increase 
in intragranular dislocation density and a lack of 
sub-grain formation [1, 13]. 

Steady-state diffusional creep deformation requires 
a uniform flux of vacancies along grain boundaries. 
Immediately upon loading a specimen, vacancy diffu- 
sion will occur more rapidly near intersections of grain 
boundaries owing to the relatively short diffusion 
paths [14, 15]. Consequently, a re-distribution of 
stress occurs during the initial stages of deformation, 
and this process leads to transients during diffusional 
creep [15]. Lifshits and Shikin [16] analysed transients 
during diffusional creep and they determined that the 
characteristic times for the decay of transients are 
independent of the applied stress. However, inspec- 
tion of Fig. l indicates that, since the primary creep 
region involved an essentially constant strain level of 
-~ 1%, the time periods involved in the transient stage 
depend on the applied stress. 

Heuer et aL [1] noted that concurrent grain growth 
during deformation could lead to the occurrence of a 
transient stage of creep. However, the data obtained in 
the present study are not in accordance with the above 
suggestion. Inspection of Fig. 1 indicates that, for a 
stress of 75.5 MPa, steady-state creep deformation is 
preceded by a short primary stage of creep, although 
examination of the specimen after creep deformation 
revealed that the grain size had essentially remained 
constant (Table I). Thus, the present data demon- 
strate that the primary stage of creep is not caused by 
concurrent grain growth. 

A review of earlier work on polycrystalline alumina 
indicates that a primary stage of creep was observed in 
most, but not all, studies [9]. A possible explanation 
for this discrepancy is the differences in test tem- 
peratures employed in earlier studies. Davies and 
Sinha Ray [5] noted that increasing the test tem- 
perature had an effect of decreasing the extent of 
primary creep and Davies [17] reported that creep 
deformation at a temperature of 1973 K did not 
involve a primary stage of creep. Inspection of earlier 
investigations on polycrystalline alumina indicates 
that, generally, studies reporting a lack of a primary 
stage of creep were performed at temperatures greater 
than 1873 K. 

4. 1.1. Effect of concurrent groin growth 
An inspection of Fig. 2 indicates that at stresses less 
than about 20MPa, the strain rate continues to 
decrease at large strain levels. The grain growth data 
presented in Table I indicates that at low stresses, 
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grain growth had occurred to a considerable extent. It 
is therefore proposed that the observed decrease in 
strain rate at large strain levels is a direct consequence 
of concurrent grain growth during deformation at low 
stresses. It is also noted that the observation of a 
well-defined steady-state at a stress level of 75.5 MPa 
(Fig. l) is consistent with the lack of grain growth at 
that stress level (Table I). 

4.2. Act ivat ion energy for creep deformation 
The apparent activation energy for the rate-controlling 
deformation process was obtained from an Arrhenius 
plot of the steady-state strain rates against reciprocal 
temperature (Fig. 3). Similar procedures [1, 17], tem- 
perature-cycling procedures [4, 5] and an evaluation 
based on a creep rate equation [1, 3] have been used 
earlier to determine apparent activation energies for 
creep in polycrystalline alumina. However, in order to 
identify the rate-controlling mechanism, it is necessary 
to compare the true activation energy for creep defor- 
mation with known values of the lattice and grain 
boundary anion and cation diffusivities. 

The apparent activation energy is given by the 
following expression: 

Q~ = -- R~? In ~#?(1/T) (2) 

whereas the true activation energy is given by the 
expression: 

Qt = -R~?lnD/O(1/T) (3) 

where the diffusivity D is given as D = D0exp 
( -  Q/RT). 

By combining Equations 1 to 3, the relationship 
between the apparent and the true values of the activa- 
tion energy is 

Qt = Q~ + R T -  [(1 - n)RT2/GldG/dT (4) 

The value of the shear modulus Ga- at a temperature 
T was determined from the relationship: GT = Go - 
(dG/dT)T. Using published values of Go = 1.7 x 
105MPa and dG/dT = 2 3 M P a K  -~ [18], the shear 
modulus at a temperature of 1673 K was estimated to 
be 1.3 x 105MPa. The true activation energy for 
creep deformation at a 'temperature of 1673 K may 
therefore be determined by substituting Q, = 625 kJ 
mo1-1,  G1673 = 1.3 x 105MPa and n = 1.9 into 
Equation 4. This yields a true activation energy, Qt, of 
635 kJ mol-  ~. 

This activation energy is in reasonable agreement 
with those reported earlier for the creep deformation 
of polycrystalline alumina [2, 9]. Within the limits of 
accuracy of these measurements, the activation energy 
for creep deformation is also similar to the activation 
energy for cation diffusion through the lattice [19]. 
The activation energy for cation grain boundary dif- 
fusion in alumina has not been determined explicitly 
although it has been inferred from earlier creep experi- 
ments to be 420 kJmol  -~ [2], which is less than the 
value obtained in this study. 

4.3. Identif ication of the rate-controll ing 
mechanism for steady state creep 

Heuer et al. [1] reported that the stress exponents in 
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early studies were typically of the order of ~- 1.1 to 1.7 
and the non-Newtonian behaviour was attributed to 
grain boundary sliding [1]. Davies and Sinha Ray [5] 
observed a transition from a stress exponent of 1 to a 
stress exponent of 2 with increasing stress. The stress 
exponent of 1 was attributed to Nabarro-Herr ing 
creep [14, 20] and it was suggested that the stress 
exponent of 2 resulted from a combination of 
Nabarro-Herr ing creep and an intragranular disloca- 
tion creep process [5]. Cannon et al. [6] observed a 
decrease in stress exponent from _~ 1.7 at low stresses 
to -~ l at high stresses; the stress exponent of -- 1.7 in 
this case was attributed to an interface-controlled 
creep mechanism. Porter et al. [21] examined the effect 
of concurrent cavitation on the stress exponent and 
this analysis indicated that the observed non-linearity 
in the stress exponent could not be explained on the 
basis of concurrent cavitation. Ikuma and Gordon 
[7, 8] developed conditions for the occurrence of inter- 
face controlled diffusional creep and the results of the 
present study will be analysed now in terms of dif- 
fusional and interface controlled creep mechanisms. 

4.3. 1. Dif fusional creep mechanisms 
Diffusional creep mechanisms involving the flow of 
vacancies through the lattice and along grain boun- 
daries are respectively termed Nabarro-Herring 
[14, 20] and Coble creep [22]. In ionic materials, the 
diffusional creep process is controlled by the move- 
ment of the rate limiting species diffusing along the 
least resistant diffusion path [23]. In polycrystalline 
alumina, the available evidence suggests that anion 
diffusion occurs with least resistance [2] and hence it is 
anticipated that the creep process will be controlled by 
cation diffusion. 

For cation diffusion control in alumina, the 
Nabarro-Herring creep rate is given by: 

= 40(f~vD{/2kTd 2)a (5) 

where f~v is the molecular volume, D~ is the cation 
lattice diffusivity and the factor of 2 in the denomina- 
tor corresponds to the valency of the anion in alu- 
mina. An evaluation of Equation 5, for d = 1.6 #m, 
~ v  = 4 . 5  X 1029m 3, T = 1673 K and D + = 2.8 x 
10-4exp(-478000/8.3T)m2sec -l [19], is superim- 
posed on to the stress-strain data obtained in this 
study (Fig. 2). Inspection of Fig. 2 indicates that, 
under the present experimental conditions, the 
Nabarro-Herr ing creep mechanism did not contri- 
bute significantly to the deformation of polycrystalline 
alumina. 

The Coble creep mechanism [22], for cation dif- 
fusion control, predicts the following expression for 
the strain rate: 

= (48f~v6D~/2kTd3)~r (6) 

where 5 is the effective width of the grain boundary, 
D~ is the cation grain boundary diffusivity and the 
factor of 2 in the denominator again corresponds to 
the anion valency. The value of 5Dg~ in alumina is not 
known from independent measurements but an analy- 
sis of creep data suggests that the grain boundary 
diffusivity may be expressed as follows [2]: 



6D~b = 8.6 x 10-1°exp(--418000/8.3T)m3sec 1 

(7) 

Equation 6 was evaluated using d = 1.6 #m, T = 
1673 K and 6Dgb given by Equation 7 and the com- 
puted Coble creep rate is also superimposed on to 
Fig. 2. An examination of  Fig. 2 indicates that, under 
the present experimental conditions, the Coble creep 
mechanism leads to higher strain-rates than the 
Nabar ro -Her r ing  mechanism and it is also noted that 
the line representing the Coble creep mechanism inter- 
sects the line corresponding to the experimental data 
at a stress level of approximately 150 MPa. 

Thus, it is clear that the present experimental results 
cannot be rationalized in terms of  the known diffu- 
sional creep mechanisms. 

4.3.2. Interface-controlled diffusional creep 
Cable creep [22] essentially involves the creation, dif- 
fusion and annihilation of vacancies along grain 
boundaries. The model was developed with the 
assumption that grain boundaries act as perfect 
sources and sinks for vacancies. However, when the 
grain boundaries do not act as perfect sources and 
sinks for vacancies, the process of vacancy creation/ 
annihilation could become rate controlling. This 
process is termed the interface controlled diffusional 
creep mechanism. 

Inspection of Fig. 2 indicates that the experiment- 
ally observed creep rates are considerably slower than 
those anticipated from an occurrence of Cable creep. 
The present experimental results are therefore consis- 
tent with the operation of  an interfacial controlled 
diffusional creep mechanism. 

Ikuma and Gordon [7, 8] analysed interface con- 
trolled diffusional creep in ceramics for several limit- 
ing conditions. The following equation for creep was 
developed under the assumption tha t  the same inter- 
facial mechanism occurs sequentially with lattice and 
grain boundary diffusion and that anion diffusion is 
not rate limiting: 

44Q,,rr = 
~xk T d  2 

' )7 (D[-/x) + (6D~b/d) 
(8) 

where ~ is the cation valency and K' is the reaction rate 
constant. 

From Equation 8, it follows that interface control 
will occur when: 

44 1 
- - -  ,~ (9) 
X'd (D~+/~) + (6D~b/d) 

Substituting the value o f d  = 1.6 #m, T = 1673 K, 
D~- [19] and 6~ given by Equation 7, the criterion for 
the occurrence of interface controlled diffusional creep 
is given by: 

K' >> 10-9msec -1 (10) 

It is not possible to precisely define the experimental 
conditions under which interface controlled diffusion 
creep will occur because of  a lack of  knowledge of  the 

explicit dependence of K' on factors such as stress, 
temperature and grain size. However, it is clear that, 
if an interface controlled mechanism is to explain the 
present experimental stress exponent, K'  oc a. 

Finally, it is important  to emphasize that the con- 
cept of  an interfacial controlled creep mechanism can 
be used to rationalize experimental results only when 
the experimental creep rates are slower than those 
predicted by the diffusional creep mechanisms. Thus, 
for example, it is possible to interpret the data of  
Cannon et al. [6] in terms of  an interfacial controlled 
creep mechanism. On the other hand, it is not possible 
to attribute a stress exponent of 2 reported by Davies 
and Sinha Ray [5] to an interfacial controlled creep 
mechanism because their experimental creep rates 
under such conditions were faster than the exper- 
imentally observed diffusional creep rates. 

5. Summary and conclusions 
1. Normal primary creep transients were observed 

up to strains of -~ 1%. It was shown that grain growth 
cannot account for the occurrence of the primary 
creep stages in which the creep rate decreased with 
deformation 

2. A true activation energy of 635kJmol  -~ was 
obtained in the analysis, which is in reasonable agree- 
ment with the activation energy for cation lattice dif- 
fusion and higher than that for cation grain boundary 
diffusion. 

3. At high stresses, well defined steady-state con- 
ditions were obtained beyond strains of - 2%, whereas 
at low stresses~ the strain-rates continued to decline at 
large strains. These results were rationalized in terms 
of concurrent grain growth at low stresses. 

4. The stress exponent for creep was determined to 
be 1.9. The experimental strain-rates were slower than 
the theoretical predictions of the Coble creep mechan- 
ism. Thus, the creep deformation is consistent with an 
interface controlled diffusional creep mechanism. 
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